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a b s t r a c t

Spark plasma sintering (SPS) was used to sinter gas-atomized Zr57Cu20Al10Ni8Ti5 amorphous powder.
Systematic analyses were performed to study particle size and annealing time effects on the parts struc-
ture and properties. Partial devitrification and particles welding were observed and correlated to particle
size and thermal conditions. Mechanical testing, through compression and micro-hardness, reveals that
eywords:
etallic glass

park plasma sintering
intering process
echanical behaviour

the sintered parts show strength similar to a quenched bulk metallic glass and damaging before failure.
However, the pulsed current input does not seem the most relevant way to sinter amorphous powders:
during the sintering initial stages (when necks are small), excessive over-heating is generated in the vicin-
ity of particles necks, and is responsible for partial devitrification; further current input at large necks
leads to complete densification. Effects of the stress, the thermo- and electro-transports on the sinter-
ing are evaluated to provide a better understanding of the SPS mechanisms of densification of metallic

glasses.

. Introduction

Bulk metallic glasses (BMG) are among the most recent inno-
ative metallic materials [1] in particular for their remarkable
echanical properties attractive for various applications [2,3]. BMG

xhibit behaviours close to those of oxide glasses. In particular, they
resent a glass transition temperature, Tg. At T > Tg, the deformation

s viscous-like, and occurs at low stress. At T < Tg, BMG possess high
trength (close to the theoretical �max ≈ E/20) and no ductility. BMG
ndergo an average 2% elastic deformation and then possess large
esilience (�2

max/E) owing to Young modulus similar to those of their
rystalline counterparts. Formation of metallic glasses is kinetically
rather than thermodynamically) controlled and obeys empirical
ules first stated by Inoue [4]. At present, some amorphous phases
ave been discovered (with major element Zr, Ti, Cu, Pd, Mg, Pt, Ca,
e, Ni, Co and rare earths) covering reasonable domains of prop-
rties (mechanical, magnetic, exhibiting remarkable resistance to
orrosion, wear and low friction stress) [5–7]. Nevertheless, the
ulk forms are still limited in shapes and dimensions and are gen-

rally very complex in composition [8]. In contrast, a wide variety
f glasses which might be of interest are obtained into ribbon forms
few tens of microns) only by melt spinning techniques (quenching
ate around 106 K s−1).

∗ Corresponding author. Tel.: +33 0 1 56 70 30 38.
E-mail address: perriere@icmpe.cnrs.fr (L. Perrière).
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Powder metallurgy is the relevant alternative process in met-
allurgical engineering to produce large size specimens with
controlled size and shape. Main benefit for amorphous is that
powder particles of few micrometers in size should be fabricated
from any glass system, even those having low glass forming abil-
ity (GFA). Amorphous powders were successfully produced since
the late 70s by atomization techniques (water and now gas) with
an estimated quenching rate of 106 K s−1 [9]. Since then, pro-
duction of bulk glasses using conventional sintering assisted by
pressure techniques, such as hot extrusion [10] or hot pressing
[11], has been studied. These processes have opened promising per-
spectives for BMG though they have to face drastic experimental
problems. Easy and near full densification is obtained under rea-
sonable pressure above Tg, but a long time above this temperature
is necessary to reach full consolidation (particles welding). This
annealing thoroughly leads to high rate of devitrification in the
material [12].

Along with the development of spark plasma sintering (SPS), the
processing of metallic glass (MG) powders has regained in inter-
est. The main asset of this technique is to provide extremely rapid
heating, and thus likely limit the crystallisation of MGs. Moreover,
many experiments on various metallic powders showed that oxide

is broken at the particles surface during current heating which sig-
nificantly improves the sintering [13]. Consolidation with SPS of
atomized MG powders has thus been obtained for Fe-based alloys,
with good magnetic properties [14,15], for Cu- and Ni-based alloys
with high hardness and strength [16,17]. The technique has also

dx.doi.org/10.1016/j.jallcom.2010.09.158
http://www.sciencedirect.com/science/journal/09258388
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hown further perspective for the development of architectured
aterials with the fabrication of in situ composites (devitrification

n powder fabrication [18] or during SPS [19]), ex situ composites
y powder mixing [20,21], or dual amorphous materials [22]. These
ew architectured materials exhibit interesting behaviours such as

mproved ductility and damage resistance.
This paper reports on an analysis of SPS consolidation of

r57Cu20Al10Ni8Ti5 metallic glass produced by gas atomization
23]. This MG was selected because it possesses a high GFA [24]. The
ulk monolithic form was intensively studied towards its mechani-
al behaviour, and is then a relevant reference for comparison with
intered parts [25,26]. Our study first aims to produce bulk SPSed
pecimens with ultimate strength in the range of the BMG’s one.
oreover, systematic thermal, structural and mechanical analysis

f SPS consolidated powders with various grain sizes have been
erformed to shed light on SPS specific mechanisms of densifica-
ion and consolidation. Post mortem analysis of specimens, which
eveals non systematic partial devitrification (see for example dif-
erences in [19,22]), points out, with clear evidences, some physical
vents that are non observable in crystalline solids. From these
nvestigations, we aim to approach the specific mechanisms of sin-
ering through SPS of metallic glasses and, more generally, metallic
lloys.

. Experimental procedure

.1. Materials synthesis

Gas atomization necessitates at least 1 kg of the Zr57Cu20Al10Ni8Ti5 alloy, ini-
ially prepared with high purity metals (>99.9% GoodFellow and Cerac). Ten distinct
ngots were melted using high frequency induction melting in water cooled cop-
er crucible and then re-melted in the oven on top of the atomizer. A stream of
he molten alloy then flows through the nozzle at the bottom of the crucible under
ressurised argon gas (2 bars) and is fragmented in the chamber at the nozzle exit.
he as-produced alloy droplets are then quenched in the atomizer and collected at
he bottom of the chamber.

Atomized powder was sorted out by mechanical sieving before sintering stage.
etails of powders sets are reported in Table 1. Sintering was carried out in a Syntex
PS-515S (Syntex, Japan), using WC/Co die and punches supplied by Syntex. The
emperature of the sintering plateau of 663 K (controlled by a K-type thermocou-
le inserted into the die) is just above Tg , where homogeneous flow of the alloy is
xpected.

For the MG of interest, Zr57Cu20Al10Ni8Ti5, the sintering and densification tem-
erature domain available is extremely narrow (about 60 K) between the glass
ransition temperature (Tg ≈ 660 K) and the crystallisation temperature (Tx ≈ 720 K).
t is also emphasized that the crystallisation kinetics is dramatically increased above
g , and that much larger crystallisation rates have to be expected when sintering
emperature and time are slightly increased above Tg . A preliminary experiment
G0, see Table 1) was thus carried out to determine the optimal densification tem-
erature, between 600 K and 683 K. Further experiments were thus carried out at
63 K, in order to maximise the densification and minimize the crystallisation of the
G.
To reach full densification, the samples (10 mm in diameter and 4.5 mm final
hickness) are pressed at a loading rate of 20 kN min−1–40 kN (about 500 MPa on
he sample). A heating rate of 60 K min−1 was then applied from room temperature
p to 573 K. The heating rate was slowed down to 10 K s−1 from 573 K to 663 K,

n order to avoid temperature overshoot and thus likely crystallisation of the MG.
olding time varied from 3 to 10 min, depending on the sample (see Table 1 for

able 1
owder grains size and holding time used during SPS processing.

Sample Max temperature
(K)

Holding time
(min)

Powder grains size

G0 773 0 No selection:
daverage = 70 �m

G1 663 3 No selection:
daverage = 70 �m

G2 663 5 No selection:
daverage = 70 �m

G3 663 5 32–63 �m
G4 663 5 63–125 �m
G5 663 10 32–63 �m
G6 663 10 63–125 �m
mpounds 509 (2011) 1011–1019

details). All experiments were carried out under vacuum (7.5 × 10−2 Torr). Sample
heating is resulting from Joule dissipation of pulsed electric current. The necessary
electric energy is provided by high current intensity (up to 1300 Å) balanced by
an appropriate voltage (up to 2 V). In the Syntex equipment, the pulsed current
is periodically input following a set of 12 pulses (2 ms on–1 ms off) followed by 2
pauses (3 ms off). This means that, during the total duration of a cycle of pulses, the
electric current is on for 24 ms upon the 42 ms of the whole cycle.

Quenched bulk samples were studied elsewhere [25,26], and the results have
been used here for comparison with SPSed samples.

2.2. Characterisation

Chemical composition of the amorphous powder was controlled by ICP-OES
analyses (Varian Vista AX, Varian Inc., USA) on three distinct powder sets. Thermal
analysis were performed using differential scanning calorimetry (DSC Mettler-
Toledo DSC822 calorimeter, Intl. Inc., Switzerland) at a heating rate of 20 K min−1, for
determination of glass transition, Tg , and crystallisation, Tx , temperatures as well as
evaluation of devitrification amount after sintering. Systematic density measure-
ments were performed on sintered parts using Archimedes principle (medium:
propan-l), in order to verify if full densification was fulfilled. Structural char-
acterisation, on both powder and sintered samples, were carried out by XRD
measurements, with X-ray powder diffractometer in a Bragg–Brentano geome-
try (�−�) (X’Pert PRO MPD, PANalytical, The Netherlands) equipped with a high
temperature furnace (TC RADIATION, MRI, Germany) connected to a turbomolecu-
lar pump (1 × 10−4–5 × 10−5 mbar) and a fast detector (X’Celerator) based on real
time multiple strip technology. Phase identifications were performed using EVA
software (version 13, Bruker AXS, Germany) and JCPDS-International Centre for
Diffraction Data powder Diffraction File (PDF-2, JCPDS-ICDD, USA). Energy disper-
sive X spectroscopy (EDX) and local observation were performed with an analytical
transmission electron microscope (TEM – TECNAI-FEI F20, FEI, USA) with a field
emission gun and operating at 200 kV. The thin foils were prepared by mechanical
polishing and Ar+ ion beam milling. Mechanical behaviour of the sintered samples
was assessed by uni-axial compressive experiments, carried out on a 100 kN MTS-
20/M system (MTS, USA) at strain rate of 5 × 10−5 s−1, and Vickers micro-hardness
(FM-0, Future-Tech Corp., Japan). Compression samples have been cut off into par-
allelepiped shape from the sintered pellets and polished for compression at room
temperature. The fracture surfaces after mechanical testing were observed with a
scanning electron microscope equipped with a field emission gun (LEO 1530, Zeiss,
Germany).

3. Results

3.1. Assessment of MG powder preparation

Atomized powder particles are spherical (Fig. 1a) with average
particle size of 70 �m. The size distribution, measured using laser
diffusion technique, is near Gaussian (Fig. 1b). Except a thin oxide
layer obviously present at their surface, the particles are amorphous
within the detection limit of the X-ray diffraction (Fig. 1c). ICP-OES
analyses (Table 2) show no pollution of the powder, except some
iron and hafnium traces. DSC shows small variations of Tg and Tx

measured on the atomized powder (Fig. 1d), compared to those
measured for the bulk alloy (Table 3). The difference of crystallisa-
tion enthalpy between the bulk and the powder might be attributed
to the thin oxide layer obviously present on the powder particles.
This set of analyses assesses that cooling conditions in the atom-
izer are sufficient for producing glassy alloy. It is to be reminded
that Zr57Cu20Al10Ni8Ti5 has a particularly high GFA and is ordinary
obtained as bulk over a thickness of 10 mm by cooling at rate of
about 10 K s−1. In atomization, particles size is of the order of usual
ribbons thickness produced by melt spinning. The cooling rate is
much likely of the order of 106 K s−1.

3.2. SPS of MG powder

It is first interesting to notice that, according to density mea-
surements reported in Table 3, G1–G6 are fully densified. Indeed,

measured density (6.59) of the BMG and measured densities of
G1–G6 concur, within the range of the error margin.

At the temperature of the plateau (die temperature of 663 K), rel-
evance of the SPS technique for metallic glass powder processing
was primarily evaluated with respect to annealing time and par-
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Fig. 1. (a) Scanning electron micrograph of the gas-atomized Zr57Cu20Al10Ni8Ti5 metallic glass powder; (b) grain size analysis of the atomized amorphous powder; (c) XRD
pattern obtained on raw Zr57Cu20Al10Ni8Ti5 amorphous powder, showing the characteristic broad peaks of a disordered atomic structure; (d) comparison of the DSC analyses
of Zr57Cu20Al10Ni8Ti5 bulk metallic glass (black) and amorphous powder (grey).
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in Fig. 2a with intensities of crystalline reflections appearing over-
laid the broad peaks of the amorphous phase. The phases produced
ig. 2. (a) XRD patterns obtained on the densified samples. Inset corresponds to a
arenthesis; (b) comparison between XRD pattern obtained on G5 and HT-XRD in si
ee text for further details.

icle size (Table 1). During experiments, temperature fluctuations
ith time were observed. This effect is variable with specimens,
ot actually controlled and most likely related to some slight vari-

tions in the overall set up configuration (thermocouple position,
nitial green density of the loose powder). Most drastic is a tem-
erature overshoot with a maximum of 5 K observed for G3 during
bout 1 min. G5 and G6 undergo an overshoot of 2.5 K for about
he same period of time. X-ray diffraction patterns are displayed

able 2
heoretical and experimental chemical compositions of the alloy. Experimental
omposition was determined by ICP-OES (see text for further details).

Metal

Zr Cu Al Ni Ti Traces

Theoretical mass. % 69.9 17 3.6 6.3 3.2 0
Actual mass. % > 50 16.2 ± 0.2 3.82 ± 0.0 6.02 ± 0.0 2.9 ± 0.1 Hf, Fe
on small angles for G2 and G5. The PDF numbers of the patterns are mentioned in
ealed powder. Heating rates in SPS and in situ HT-XRD experiments were identical.
Table 3
Thermal properties and density of the Zr57Cu20Al10Ni8Ti5 bulk metallic glass, amor-
phous powder and sintered samples.

Sample Crystallisation
enthalpy (J g−1)

Glass transition
temperature, Tg

(K)

Crystallisation
temperature, Tx

(K)

Density

Bulk 61.9 658 722 6.59 ± 0.01
Powder 54.8 657 727 –
G1 36.8 658 721 6.57 ± 0.02
G2 23.7 653 740 6.59 ± 0.03
G3 43.5 655 718 6.60 ± 0.02
G4 51.0 655 723 6.58 ± 0.02
G5 37.4 658 718 6.61 ± 0.03
G6 45.2 653 718 6.60 ± 0.02
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the particle size distribution which is the widest for G2 (where no
sieving was performed) and resulting in an increase of the aver-
age number of contact points and a greater devitrification rate
consequently.
ig. 3. TEM micrographs of a sintered sample. Nano-precipitates (<50 nm in diamet
selected area diffraction pattern, where broad rings, characterising the glassy mat

y devitrification of the SPS samples can be identified more eas-
ly on G2 and G5 samples. These samples exhibit broad peaks,
haracteristic of nanocrystalline phases. For G5, the main phase
s Ni2Zr3 metastable [27] in equilibrium with tetragonal NiZr2,
rthorhombic NiZr and monoclinic CuZr. Crystalline phases in G2
re orthorhombic Al5Ti3, metastable Ni2Zr3, tetragonal NiZr2 and
etragonal CuZr2. In situ XRD patterns (Fig. 2b) were performed
or 10 min annealing at 663 K under atmospheric pressure and
.5 × 10−5 bar on the loose powder and compared to G5 (partially
rystallised sintered sample). Heating rate was identical to the SPS
nes (see Section 2.1). Both annealed powders show evidence of
xidation with diffraction peaks corresponding to tetragonal ZrO2
due to oxygen vacancies under vacuum), that are not present in
PS samples (e.g. G5). The CuZr phase, which is a high temper-
ture phase (stable above 1000 K), is observed only in the short
ime annealed sample (G3, G4). It was observed elsewhere that
his CuZr phase appears at the first DSC peak of crystallisation (see
ig. 1d) (unpublished data). It would indicate that high temper-
ture and less stable phases appear first at short annealing time
nd then disappear by reaction after further annealing to form sta-
le phases according to the phase diagram. All sintered samples
resent crystallisation peaks with the largest intensities for G2 and
5. It is interesting to notice that G3, which underwent the maxi-
um temperature overshoot, exhibits the less crystallisation along
ith G4. This indicates that there is no real correlation between

he temperature overshoot and the rate of crystallisation, at least
n these ranges of temperature and time. In contrast, larger crys-
allisation rate is noticeable for longer annealing times (G5 and
6). Another interesting result is that G5 exhibits a larger crys-

allisation rate than G6. A simple assumption would be to consider
hat devitrification occurs initially at particles neck where electric
urrent density, and thus temperature (produced by Joule dissipa-
ion effect), are the largest (electric intensity scaled by small neck
ize at the early stage of sintering, see discussion). This assumption
as qualitatively supported by transmission electron microscopy

bservations. In Fig. 3, the polygonal surface area is corresponding
o former neck zones between particles, revealed by preferential
tching during ion milling. A thin zone at the sample edge con-
ains nanoparticles with diameter of about 20–50 nm, coming from
artial devitrification. A rough estimate of the chemical composi-
ion, since particles are small and embedded in the glassy matrix,

as provided by TEM EDX analysis. It is also worth noticing that
significant enrichment in copper content has been detected. This

s consistent with the XRD indexed ZrCu phase. Assuming a con-
tant devitrification amount (only temperature dependant) and an
dentical number of contacts for each particle for the range of par-
clearly present in the central part of the particle facet (a and b). (a) The inset shows
t also some crystalline spots, are visible.

ticle sizes (about six for hard spheres packing), then the average
volume fraction of devitrification zones, �c, varies with the par-
ticles size, D, following: �c ∝ 1/D3. This means that, for a ratio of
particles size of 1:2 (see, for example, G5 and G6), the difference
in volume fraction of crystallites should be 1:8. This dependence
of the crystallisation amount with grain size is confirmed by DSC
analysis (Fig. 4), where variation in crystallisation enthalpies are
estimated from peaks integral breadth (Table 3) for samples hav-
ing various particles sizes and for the same annealing time (5 min)
in SPS. It must be noticed that only the first peak of crystallisation
decreases in intensity. In addition, the curves profile around Tg is
slightly modified, which would indicate that free volume content
changes (or local ordering changes) during SPS treatment. Crystalli-
sation enthalpy decreases logically from G4 to G3, which has the
smaller particles size (hence larger devitrification probability). G2
shows the largest enthalpy variation (the first crystallisation peak
is barely visible) with respect to the powder, though its average
particle size is the largest (70 �m). This result must be related to
Fig. 4. DSC scans of Zr57Cu20Al10Ni8Ti5 amorphous powder and G2–G4 sintered
samples.
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ing process, which occurs when necks are wide enough to allow
ig. 5. True stress–true strain compression curves for sintered samples G1–G6,
ompared to the BMG (a); Vickers micro-hardness at 2000 × g for sintered samples
3–G6 (b).

.3. Behaviour of sintered samples

G3, G5 and G6 exhibit ultimate compressive strengths compa-
able to BMG monolith prepared by solidification (Fig. 5a) [25]. For
hose three samples, the Young’s modulus is slightly lower than
or the BMG, E > 60 GPa compared to EBMG ≈ 80 GPa. G1 and G2
how relatively low compressive strength, which can be explained
y the presence of large glass particles and the relatively low

evel of consolidation, as the raw powder was not sieved and
he annealing times were short (3 and 5 min). G1, G2 and G4,
hich present the lowest compressive strength, also exhibit a

lightly different behaviour: fracture is not fragile and a small
lateau is noticeable on the compressive curves of those three
amples.

In relation to multiple shear bands initiation and deviation at

rystalline particles, ductility induced by partial crystallisation in
MGs is generally observed in cast alloys [28]. However, no ductility
as observed for SPS samples having the maximum strength. Par-

ial crystallisation in amorphous alloys is also known for increasing
ardness [29], which is in good agreement with the data plotted in
mpounds 509 (2011) 1011–1019 1015

Fig. 5b, where G5 shows the highest hardness value for an applied
load of 2000 g. Hardness of G3, G4 and G6 is about 540 HV, close
to that of a cast monolith BMG and consistent with the ultimate
stress value, �max, measured in compression according the Tabor
rule: �max ≈ HV/3.

Interestingly, G4 presents the lower ultimate strength and
Young’s modulus, suggesting that the powder has undergone less
consolidation during the sintering process. Lesser particle weld-
ing for G4 (compared to G3, which underwent the same annealing
time) is attributed to particle size which is about twice larger
for G4. Viscous flow is assumed for an amorphous phase in the
phenomenology of the initial stage of the sintering process. The
consolidation degree, x/D, where x is the neck radius, varies as a
function of time (t) and particle size (D) following: x/D ∝

√
t/D.

This is in agreement with mechanical investigations indicating that
greater consolidation is achieved for samples with small initial
particle size. Further consolidation is also obtained if particles are
selected to a thin size distribution. The consolidation is thus depen-
dent on the particle size [30]. This can be explained by the higher
reactivity of fine powders, in relation to their larger surface cur-
vature. One emphasizes that the sintering rate is modulated by
physical properties of the amorphous phase, in particular viscos-
ity. The size effect on consolidation efficiency is well known in
conventional sintering. For SPS, the particle size efficiency seem-
ingly holds, but in the particular case of metallic glass powders, it
must be balanced with the devitrification amount (as large as the
particles are small). A compromise is then necessary in terms of
particles size in order to obtain strong sintered glass with limited
crystallisation.

Observations of the fracture surfaces, using scanning electron
microscopy after compression test, reveal evidence of transgran-
ular shear banding (Fig. 6a) as well as “intergranular” rupture
(Fig. 6b). Further analyses of “intergranular” areas show that former
particles are rough in the centre and totally smooth at the periphery
(Fig. 6c). The centre exhibits a dimple-like structure characteristic
of a ductile fracture. Additionally, ductile fracture would mean that
free volume is still present in the glass and that micro-shear band-
ings might be initiated by crystalline particles present underneath.
In contrast, origin of the smooth zone is not straightforward. Topol-
ogy of the rupture surface suggests that the cohesion is not total.
It is thus emphasized that the rupture process for sintered sam-
ples is radically different compared to quenched monolith, where
stress relaxation is localized in few thin shear bands. On one hand,
in cast BMGs, the process leads to spontaneous rupture of the speci-
men into two pieces, due to extended propagation of a single shear
band along a shear plane at about 45◦ off the load axis [25,26].
On the other hand, SPS samples experience early damages which
lead to with multiple fragmentation of the sample at the ultimate
compression stress.

4. Discussion

According to these results, full densification of MGs through SPS
(using pulsed current) seems to be reached during two distinct
steps. First, the cohesion between particles is achieved during ini-
tial stage of the sintering in the centre of the particle. This first step
occurs when necks are still narrow, but leads to a partial cohesion
along with a partial devitrification of the MG. However, according
to density measurements, total densification is reached. Further
densification should happen during a second stage of the sinter-
homogeneous flow of the MG particles and avoid crystallisation in
the vicinity of necks. In the following paragraphs, we develop this
hypothesis in relation to the sintering driving forces (which can be
topological, thermal, but also electrical in the specific case of SPS).
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ing a surface energy � ≈ 2 J m−2 it should be noticed that �c is larger
than the applied macroscopic stress (500 MPa) for x < 500 nm.

The two other forces, Fi and Fth are derived from the electric cur-
rent passing through the neck. Fi = qE = Z∗e�ej, with Z*, the effective
ig. 6. SEM micrographs showing fracture surfaces of G2, typical of any sintered

ample: shear band which propagated trough the particles (a); “intergranular” frac-
ure area, showing the shape of particles after sintering (b); detail of the central area
f a particle facet, where a dimple-like rupture is visible (c).

.1. Assumptions and description of sintering driving forces

Topology of particles in the initial stage of the sintering is
sphere with mean particle radius R = D/2, having in average

ix contact points. The electric current is entering and exiting
articles through respectively three contacts (Fig. 7). The cur-
ent intensity passing through a neck may thus be estimated as:
neck = � · I(R/˚)2/3, where R∼35 �m, the sample radius ˚ = 5 mm,
nd the macroscopic current input is I = 1200 A. � is the fraction

f the macroscopic current passing through the specimen. This
arameter is difficult to estimate since it depends on the relative
esistance of the powder to die and punches. It also depends on tools
eometry, varies with materials resistivity, and changes during the
rocess because of powder density and temperature variations.
Fig. 7. Repartition of glassy particles at the sintering beginning. Each particle is
surrounded by six neighbours, according to compact random close packing. The
three upper particles provide electric current to the particle, as the three lower
particles drain it, resulting in ineck = iparticle/3.

When � is close to unity, i.e. the resistance of the die is far larger
than that of the powder, ineck ≈ 20 mA.

As shown in Fig. 8a, the neck can furthermore be characterised
by its two surface curvature radii, x (concave), which is also the
neck radius, and � (convex). During the initial stages of sintering,∣∣�

∣∣ � |x| and � < 0 and x > 0.
During sintering, both neck growth and devitrification are con-

trolled by diffusional processes. The local atomic flux, J, can be
written in a general form:

J = −D
∂c

∂z
+ Dc

kT
(Fc + Fth + Fi)

where D is the atomic diffusion coefficient, c is the atomic concen-
tration, k is the Boltzmann constant, and T is the temperature.

The mass flow forces are resulting from the neck topology, Fc, the
electric potential, Fi, and the thermal gradient, Fth. In first approx-
imation, the electric current can be considered as normal to the
neck boundary (Fig. 8a). From a two-sphere model, the resulting
topological or Laplace force, Fc, is normal to the neck surface (see
Fig. 8b). Fc is radial with respect to the neck boundary, as in the usual
phenomenology of natural sintering. Consequently, the stress at the
neck surface is given by the Laplace law: � ≈ �/� ≈ 2R�/x2. Assum-
Fig. 8. Outline of a particle neck in the initial stage of the sintering. (a) Topologi-
cal parameters (�, x) are the surface curvature and i is the electric current passing
through a neck. The grey zone indicates the heat concentration at the reduced size
of the contact point due to Joule dissipation, resulting in temperature gradient in
the y and −y directions. (b) Resulting forces from gradients: Fc (topological force, i.e.
Laplace force), Fi (electric potential related force) and Fth (thermal gradient force).
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lectric charge of the atom, e, the electron charge, �e, the resistivity
nd j, the electric current density. Fi is normal to the neck bound-
ry. A thermo-transport force, Fth = − Q/T × ∂ T/∂ y, with Q the heat
f transport, is resulting from the temperature gradient. As detailed
elow, heat concentration in the vicinity of the neck occurs since
he neck size is small compared to the centre of particles size. In this
ase, much larger electric current density get through the necks. The
emperature gradients and the associated force, Fth, are normal to
he neck boundaries.

From this topology, commonly used in the approach of the clas-
ical sintering mechanisms, it results that the Laplace force, Fc (the
nly one present in natural sintering), should be predominant in the
eck growth (sintering degree). The two other forces, Fi and Fth, nor-
al to the neck plane (see Fig. 8b), should have minor contributions

o the sintering degree, but might be involved in crystalline parti-
les growth along with the concentration gradient ( ∂ c/∂ z) build up
uring devitrification.

In the following paragraphs, an attempt is made to evaluate the
ontribution of those forces on sintering and devitrification.

.2. Thermal state in the vicinity of a neck

The temperature must be large enough to activate diffusion for
intering and particle precipitation and growth. The observation of
rCu in the MG suggests that during certain stages of the SPS exper-
ments, the temperature can be at least larger than Tx in some parts
f the sample. Indeed, even if, in the alloy of interest, ZrCu stability
omain should be slightly modified by the presence of other chem-

cal elements, this phase is stable above 1000 K according to the
hase diagrams [31]. In contrast, it must be emphasized that the
etallic glass is not fully devitrified. This indicates that the balance

etween temperature increase and heat release by thermal dissi-
ation in the powder leads, in average, to a temperature not too
uch larger than Tx.
The balance between Joule effect dissipation and heat flow gives

he local temperature rate as: 	T/	t ≈ (�ej2)/(�vCp), where �v is
he volume weight and Cp is the heat capacity. During an ele-

ental SPS pulse (2 ms on–1 ms off), the current density in the
article is jR ≈ 3ineck/(
R2) and the resulting temperature increase
ould be 	TR ≈ 0.08 K, for � = 1 (	t = 2 ms, �v = 6600 kg m−3,

p = 420 J kg−1 m−1, �e = 4.4 × 10−7 � m [32]). This value seems very
mall, but it is actually largely overestimated (due to various heat
nd current dissipations). One has to notice that cumulative pulses
ver about 20 min of experiment would lead to an extremely unre-
listic temperature, besides indicating that energy yielding in our
articular SPS setting is very poor. Comparatively, the current den-
ity in the neck region, jneck ≈ ineck/(
x2), predicts temperature in
he neck region according to 	Tn ≈ (	TR/9) × (R/x)4. It naturally
omes that the difference in temperatures between the particle
ore and the neck region varies as the sintering degree (x/R), and
hat the power of 4 means that, at small neck sizes, this difference is
ubstantial. The temperature gradient between the neck region and
he particle core leads to heat dissipation from these two respec-
ive zones, with relaxation time of the order of � ≈ R2/˛ ≈ 0.4 ms,
ith the thermal diffusivity, ˛ = 3.5 × 10−6 m2 s−1 [32]. � is smaller

han the on (2 ms) and off (1 ms) times of an elemental pulse. It
esults consequently that during the 2 ms of current on, heat dissi-
ation from the neck to the particle core occurs concomitantly to
eat accumulation by Joule effect at the neck. These two concurrent
ffects have different time and spatial scales. Analytical evaluation
f an effective temperature as a function of time at the neck region

s thus not allowed. In contrast, due to rapid heat dissipation, homo-
eneous temperature is rapidly obtained in the overall sample after
he off (1 ms) time, which means that the monitoring of tempera-
ure by external recording is most likely consistent. Most dramatic
s the substantial increase of temperature in the neck region. For
mpounds 509 (2011) 1011–1019 1017

example, one may consider a spontaneous event, that is heat accu-
mulation by Joule effect with negligible dissipation, 	t � �. Taking
	t ≈ �/100, during this spontaneous event, the temperature rises
higher than Tx (	T starting from room temperature) for neck sizes
smaller than 500 nm. This rough evaluation shows that since the
very beginning of the sintering, the SPS pulses are able to pro-
duce spontaneous temperature increases larger than Tx. The heat is
most likely maintained to this range of temperature by cumulative
events during the 12 pulses sequence, and then totally dissipated
during the 6 ms extra-pauses sequence. One emphasizes that this
local temperature increases are not detected by external average
measurements, since the pulses frequency is very high and the total
volume of neck regions is very small, approximately (x/R)4/4.

4.3. Sintering amount

One of the most reasonable hypotheses is that the rough area
observed on the fracture surface (Fig. 6c) is the welded part of the
particle. Image processing on fracture surfaces as shown in Fig. 6c
estimates the ratio rough area/total surface of a facet (i.e., the sinter-
ing amount) at 0.5. If the sintering rate is controlled by viscous flow,
it can be described by the relation: (x/R)2 = 3� · t/(2 · R), which esti-
mates  ≈ 108 Pa s, for x/R = 0.5, � = 2 J m−2, t ≈ 20 min. This value of
the viscosity is reasonably associated to a temperature in the range
of the glass transition for this Zr-based MG, ≈700 K [4], and is also
consistent with both the plateau temperature and the total time of
our SPS experiments. These calculations thus assess the hypothesis
that consolidation is only partial, and achieved in the first moments
of the SPS process.

4.4. Devitrification and crystal growth

The crystalline precipitates observed using TEM (Fig. 3) have
size of about 50 nm and are separated by about 3–5 times their
size, meaning that precipitation rate is low. This structural fea-
ture is another evidence that, for the annealing time (about the
time of the experiment, 20 min), temperature was not too much
larger than Tx. In a precipitation process controlled by the gra-
dient of composition, the growth rate of a spherical particle is
described by: R(t) = [2Dt × (c0 − ci)/(cp − ci)]1/2. The diffusing atom
concentrations are respectively c0 in the glass, cp in the precip-
itate, and ci in the glass at the precipitate interface. Considering
the growth of a ZrCu monoclinic precipitate, concentration of Cu
in the glass is c0 ≈ 0.013 at. Å−3, and the concentration in ZrCu
is cp ≈ 0.030 at. Å−3. At these values of temperature, the diffusion
coefficient, D, is in the range of 10−19 m2 s−1 [33]. Then, the mini-
mum growth time estimated is t ≈ 25 min, with c0 � ci and cp � ci
and for the precipitates with R ≈ 25 nm.

4.5. Influence of thermo- and electro-transport in the precipitate
growth

The time for precipitate growth is consistent with the range
of the experiment duration. Nevertheless, this remains an esti-
mate since ci is neglected and D is assumed from literature data.
It should be concluded that there is no clear evidence that other
mass transport forces (i.e., Fi and Fth) are involved in the growth
process along with the concentration gradient. Indeed, one may
emphasize that thermo-transport is most likely not occurring, since
thermal gradients at the necks approximately last only during the
2 ms of current on of the elemental pulses, and there is no diffu-

sive atom displacement during such a short period. For its part,
electro-transport may be effective during each pulse. Its potential
contribution may be appreciated by comparing atomic fluxes. The
flux from concentration gradient is given at the precipitate sur-
face by: J = D(c0 − ci)/R ≈ D × 5.2 × 10−25. Electro-transport flux is
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ig. 9. Schematic representation of the compaction mechanism of MG by SPS: (a) d
urrent densities in their vicinity, and thus to temperatures larger than Tx , respon
article is homogeneously heated, leading to plastic flow; (c) total densification is t

iven by: Ji = Dc0Z*e�ej/kT ≈ Dj × 1.2 × 10−36. In order to compete
ith the concentration gradient, the current density, j, should be

arger than 4.3 × 1011 A m−2. Those conditions should be effective
t neck sizes x < 120 nm. Furthermore, it should be concluded that
lectro-transport is negligible, except during the early stages of the
intering. This result is consistent with electrotransport observed
t moderate current density in nano-electronics systems. It has to
e emphasized that it is most likely dominant for very fine pow-
er (ultra fine and nanopowders) and might be considered in the
henomenology and modelling of their sintering.

. Concluding remarks

Spark plasma sintering was used efficiently to produce sin-
ered Zr57Cu20Al10Ni8Ti5 bulk metallic glass with strength similar
o that of the monolith produced by solidification. This pro-
essing opens interesting perspectives for the production of
ultiphase and architectured materials having selected properties.

haracterisation of the sintered parts using X-ray diffraction, dif-
erential scanning calorimetry, scanning and transmission electron

icroscopies, revealed elemental features of the micromecha-
isms involved in the sintering process of the metallic glass
nd also leading to some extension to metallic powders more
enerally.

Densification of MGs using SPS might thus be described as fol-
ows: heat level generated at initial particles necks is extremely
arge in the first stage of the sintering when neck is small and its
elaxation is very fast due to high thermal diffusivity of metal-
ic alloys. High intensity pulsed current is thus detrimental, and
eads to partial devitrification of the metallic glass, formation of
igh temperature phases and stress gradient by alternate heat-

ng and cooling (see Fig. 9a). When necks are wide enough to
imit current density, heating becomes homogeneous (Fig. 9b). The
morphous particles can thus flow, leading to a total densification
Fig. 9c).

It must be emphasized that the first stage of sintering is dom-
nant for future properties of the sintered parts. Unfortunately,

t cannot be controlled by macroscopic monitoring in SPS (tem-
erature measurements and sintering rate) since these events are

ocalised at necks between particles and represent a negligible vol-
me fraction of the material. Gradual increase of the macroscopic
urrent intensity to moderate current density at the growing par-

[

[

[

the early stages of the sintering process, the neck size is very fine, leading to high
for nano-precipitation in those areas; (b) when the neck size is sufficient, all the
ached.

ticles neck seems the most relevant process to avoid detrimental
temperature and stress gradient as well as phase decomposition.
This process at the particle scale should be modelled by finite ele-
ments method to be controlled.

Regarding the mechanism of SPS sintering, quantitative and
qualitative analyses show that according to topological aspects, the
sintering is most likely controlled predominantly by the surface
tension (Laplace force) as in the natural sintering phenomenology.
Electrotransport and thermotransport, occur in a direction normal
to the particles neck, and should have some contributions in devit-
rification, mainly when the neck size is in the nanometer domain.
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